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1. Introduction 
The instrumented nanoindentation technique with a capability of in situ scanning-probe 
microscopy (SPM) or atomic force microscopy (AFM) can measure the mechanical 
properties of a precise site in a microstructure with accuracy within a nanometer [1]. As a 
precise and quantitative measuring method, nanoindentation technique has been widely 
used in various materials systems. In this chapter, the application of nanoindentation 
technique in the martensitic structures (lath martensite [2, 3] and lenticular martensite [4] as 
illustrated in Fig. 1) will be introduced. Also, to understand the relationship between 
martensitic transformation with grain size, nanostructured NiTi shape memory alloy [5] with 
a graded surface nanostructure was produced by surface mechanical attrition treatment 
(SMAT) and tested by nanoindentation. 
 
Figure 1. Schematic drawing of three packets of lath martensite within a prior austenite grain (a) and a 
lenticular martensite plate (b).  
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As one of the most important structural materials, the morphology and substructure of 
martensite in the Fe-Ni/Fe-C alloys have been investigated widely. The formation of various 
morphologies such as lath, butterfly, lenticular and thin plate has been shown to depend on 
the alloy composition or the transformation temperature (Ms Temperature). Each of them is 
unique in crystallographic features as well as in substructure [6]. Fig. 1 is schematic drawing 
of three packets of lath martensite within a prior austenite grain (a) and a lenticular 
martensite plate (b).  
1.1. Lath martensite 
Lath martensite, which forms in the highest temperature range, consists of parallel platelets 
or laths containing a high density of random dislocations [7, 8]. The lath martensite is mainly 
composed of four structural units: lath, block, packet and prior austenite grain (Fig. 1(a)). 
The prior austenite grain consists of some packets, the packet is divided into the blocks, and 
the block is subdivided into the lath structure. Only the lath boundaries are low-angle ones 
[9-12]. Hence the block structure can be recognized as an effective grain. Many studies have 
revealed that the macroscopic strength of the martensite in Fe-C-based alloys depends 
mainly on the carbon content [13] and tempering temperatures [14]. These dependences are 
understood as a matrix strengthening such as a carbon solid solution, dislocation interaction 
and fine precipitation strengthening. However, matrix strength (i.e. block matrix connecting 
solid solution, dislocation interaction and fine precipitation strengthening etc. of the matrix) 
without the contributions of high-angle boundaries has never been measured directly. 
Nanoindentation test with indent sizes much smaller than the block width is the key to 
obtain an exact measurement of the matrix strength without contributions of the high-angle 
boundaries, i.e. block boundaries. Simple alloy systems such as pure Fe-C binary alloy are 
suitable for conducting systematic investigations.  
1.2. Lenticular martensite 
On the other hand, lenticular martensite, which is plate-like with curved interfaces, forms at 
the intermediate temperature between lath martensite and thin plate martensite. The 
substructure of lenticular martensite is much more complicated than that of the other types. 
The martensite in the Fe-Ni alloy containing about 28.5% ~ 33 wt% Ni is lenticular with three 
regions, namely the mid-rib region, the twinned region and the untwined region [15]. The 
midrib region, where the martensitic transformation is thought to begin, has a substructure of 
fine transformation twins. The twin spacing is 6.9 nm in the Fe-31 wt% Ni alloy which was 
cooled just below the Ms temperature (223 K) [10, 16]. The twinned region is partially twinned, 
and the untwined region does not contain any twins but has many dislocations similar to that 
of the lath martensite [17, 18]. Since various lattice defects such as ultra-fine twins and 
dislocations exist simultaneously in one sample, the lenticular martensite in the Fe-Ni alloy is 
appropriate for understanding the strengthening mechanism in the structural materials. 
As shown in Fig. 1, the microstructure of the martensite is complex and very fine on the 
submicron scale, so it is difficult to separate the strength contribution of each factor by the 
conventional macroscopic testing method. To understand the whole strengthening 
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mechanism of martensite, it is important to estimate each factor independently and reveal 
the relationship between the microstructure and the deformation behavior.  
1.3. NiTi shape memory alloy 
Nanoindentation technique can not only be used to characterize mechanical properties in 
transformed martensite, but also to detect the martensitic transformation during 
deformation. In NiTi alloys the reversible thermoelastic martensitic transformation can be 
induced by either temperature or stress and leads to their well-known shape memory and 
superelastic properties [19]. This thermoelastic martensitic transformation indicates a close, 
intrinsic interaction between microscopic phase transformations and macroscopic 
mechanical properties, resulting in complex mechanical behavior and uncertainty in 
determining the mechanical properties of NiTi. The stress-induced martensitic 
transformation (SIM) may contribute to the apparent elastic strain in the stress–strain test, 
leading to a low apparent Young’s modulus [20, 21]. Despite suggestions by previous studies, 
direct evidence for the effect of the SIM on the Young’s modulus is still lacking. Recent 
transmission electron microscopy (TEM) observations have indicated that the martensitic 
transformation is suppressed in nanocrystalline NiTi because of grain size effects [22]. In a 
very recent study [23] it was also suggested that a higher stress is required for the SIM for a 
smaller grain size. Therefore, it is important to investigate the effect of grain size on the 
Young’s modulus in nanostructured NiTi. To understand the relationship between 
martensitic transformation with grain size, nanostructured NiTi with a graded surface 
nanostructure was produced by surface mechanical attrition treatment (SMAT). 
2. Experimental procedures 
2.1. Fe-C lath martensite and Fe-Ni lenticular martensite 
Same experimental procedures were applied in Fe-C lath martensite and Fe-Ni lenticular 
martensite samples. The specimen surfaces for nanoindentation were mechanically polished 
with care, and subsequently electropolished. Nanoindentation measurements were carried 
out using a Hysitron, Inc. Triboscope with a Berkovich indenter. The tip truncation of the 
indenter was calibrated using fused silica. The Oliver and Pharr method [16] was used for the 
tip calibration and the calculation of nanohardness. The probed sites and the shape of the 
indent marks on the specimen surface were confirmed before and after the indentation 
measurements with the AFM mounted with the Triboscope. The conducted peak load was 
500 µN. The loading/unloading rate was 50 µN/s and was held at the peak load for 10 s. 
Conventional Vickers hardness (Hv) tests as a macroscopic strength evaluation were 
conducted with a load of 4.9 N.  
2.2. TiNi shape memory alloy 
For nanoindentation the SMAT surface was protected with an electroplated Ni coating. 
Cross-sectional samples were carefully polished with decreasing grit sizes. The final 
polishing agent was a mixture of OP-S (0.04 µm colloid Si, Struers Inc.), H2O2 and NH3-H2O 
solutions (50:1:1) to reduce possible surface damage. After polishing, the state of the sample 
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surface was further confirmed by scanning electron microscopy and electron backscattering 
diffraction. 
Nanoindentation measurements were carried out using a Hysitron, Inc. TriboIndenter with 
a Berkovich indenter. The tip truncation of the indenter was calibrated using fused silica. 
The Oliver and Pharr method [16] was used for the tip calibration and the calculation of 
nanohardness. The position and configuration of the indents were checked in situ by SPM. 
A peak load of 1000 µN was used with a loading/unloading rate of 50 µN/s and the indenter 
was held at peak load for 5 s before unloading.  
The calculated modulus by an analysis of the unloading curve is reduced modulus Er and its 
relationship with the Young’s modulus is expressed as:  
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E E
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−
− −
= +   (1) 
where Es and νs are the Young’s modulus and the Poisson’s ratio for the specimen, and Ei 
and νi are the same parameters for the indenter (1140 GPa and 0.07, respectively). Using 0.35 
for the Poisson’s ratio of NiTi [5], the value of E for NiTi can be determined. 
3. Nanoindentation in Fe-C lath martensite 
We firstly start with high purity Fe-C binary alloys which contain as-quenched lath 
martensite. Five nominal carbon contents of 0.1, 0.2, 0.4, 0.6 and 0.8 wt% (shorted as Fe-0.1C, 
0.2C, 0.4C, 0.6C and 0.8C) were employed. A Fe-23wt% Ni alloy with lath martensite 
(shorted for Fe-23Ni) was also used for comparison.  
3.1. Microstructures of Fe-C lath martensite 
Fig. 2 represents the optical micrographs of the Fe-C lath martensite with different carbon 
content [2]. The block width deceases with increasing carbon content. The microstructure of 
the Fe-0.1C martensite composes clearly packets and blocks but for higher carbon content 
specimens, the block structure is very fine and complicated so it is hard to identify the 
boundaries of the block and packet. The microstructure of the Fe-23Ni lath martensite 
consists of blocks with a relatively large width typically in a few 10 µm.  
3.2. Conventional nanoindentation in Fe-C lath martensite 
Fig. 3 shows the typical load-displacement curves of five Fe-C martensites [2]. The smaller 
penetration depths show higher nanohardness values on the load-depth curve under the 
same peak load conditions. Maximum penetration depths of nanoindentation are less 
than 60 nm at the 500 µN peak load for all of the specimens. There is no indent size effect 
when the contact depth is in the range of 20 nm to 100 nm [24]. The previous study 
showed that the typical size of lath width is about 200 nm for carbon contents higher 
than 0.05 %. On the hemispherical approximation [25], the plastic zone sizes 
corresponding to the depths are estimated to be submicron in diameter, comparable to or 
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smaller than the typical block size because the martensite block consists of several laths 
with identical crystal orientation. Therefore, the measured nanohardness Hn can be 
considered to be dominated by the matrix strength. A grain boundary might exist just 
beneath the indenter or within the plastic zone in some cases. However, the number of 
the boundaries associated with the plastic zone may be only a few, and the effect of the 
grain boundary is considered to be relatively small. On the other hand, the data of Hv 
includes a significant effect of grain boundaries with the indent size around 50 µm (4.9 N 
load), which is much larger than the grain size. 
 
Figure 2. Optical micrographs of the Fe-C lath martensite of (a) 0.1, (b) 0.4, (c) 0.8C and (d) of the  
Fe-23Ni lath martensite. The block width decreases with an increase in the carbon content.  
The block width of the Fe-23Ni alloy is much larger than that of the Fe-C alloys. 
Both nanohardness Hn and micro Vickers hardness Hv for each specimen are plotted as a 
function of the carbon content in Fig. 4. The standard deviation of the hardness was plotted 
as the error bars (an average of more than 20 data with Hn and 5 data with Hv). The hardness 
obviously increases with increasing carbon content, especially when it is lower than 0.6 
wt%. The effect of crystallographic orientation on both the micro Vickers hardness and the 
nanohardness is thought to be small since the measured hardness value is close when 
randomly indented at various sites.  
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Figure 3. Typical load-displacement curves of five Fe-C martensites. The corresponding carbon content 
is shown in the figure.  
 
Figure 4. Nanohardness and micro Vickers hardness of the Fe-C martensite plotted as a function of 
carbon content. 
Fig. 5 shows the relationship between the nanohardness Hn and the micro-Vickers hardness 
Hv for the body-centered-cubic (bcc) single crystals and the Fe–C martensite. For the single 
crystals that are shown by the open circles, the nanohardness is almost directly proportional 
to the micro-Vickers hardness. On the other hand, the series of Fe–C specimens shown by 
the circles are not related to the single crystal. For example, the nanohardness of 0.1C 
martensite is comparable to that of Mo single crystal, but the Vickers hardness of 0.1C 
martensite is much higher than that of Mo single crystal. The other Fe-C martensite is 
similar to that of 0.1C martensite. This trend suggests that the macroscopic strength in the 
Fe-C martensite is dominated not only by the matrix strength but by other factors on a larger 
scale such as the high-angle grain boundaries. The data for the Fe-23Ni martensite deviates 
slightly from those of the single crystals. This means that although the Fe-23Ni has a grain 
size effect, the contribution of grain boundaries is not very large because the block size is not 
as small as that of the Fe-C martensite. 
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The ratio Hn/Hv is used for further consideration of the contributions of the matrix strength to the 
macroscopic strength. This behavior of grain size effect is express in the Hall-Petch relation as [2]:  
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= −  (2) 
 
Figure 5. Relationship between nanohardness Hn and micro-Vickers hardness Hv for the bcc single 
crystals, the Fe–C martensite and the Fe-23Ni lath martensite with a block width of a few 10µm. 
 
Figure 6. Relationship between micro-Vickers hardness Hv and Hn/Hv for the bcc single crystals and the 
Fe–C martensite.  
When the locking parameter 'k  is constant and the grain size d approaches zero i.e. the grain 
size effect is large, the term 1/2'k d− is replaced by Hv because 1/2'k d− is much larger than Hn in 
Eq. 2. Accordingly, the ratio Hn/Hv approaches zero. Meanwhile, when d approaches infinity 
i.e. the grain size effect is small, the term 1/2'k d− is zero, and Hv approaches Hn. This result is 
qualitatively represented by the broken line in Fig. 6. Note that the ration Hn/Hv does not 
approach 1 because the nanohardness and the Vickers hardness do not coincide due to the 
difference of indenter geometry and so on. Fig. 6 shows the ratio Hn/Hv for all the specimens 
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plotted as a function of Hv. The much lower ratio for the Fe–C martensite than those for the 
single crystals suggest that the contribution of the high-angle grain boundaries is large. The 
ratio Hn/Hv decreases with increasing carbon content, indicating that the grain-boundary 
effect increases with carbon content, especially for the carbon content range below 0.6 wt%.  
3.3. In situ nanoindentation in transmission electron microscope (TEM) with  
Fe-0.4C tempered martensitic steel 
Much deeper investigation was performed in Fe–0.4C tempered martensitic steel through in 
situ nanoindentation in TEM to study the dislocation–interface interactions in the Fe–C 
tempered martensitic steel. Two types of boundaries were imaged in the dislocated 
martensitic structure: a low-angle lath boundary and a coherent, high-angle block boundary.  
 
Figure 7. In situ TEM micrographs of the Fe–0.4C martensite, including a low-angle grain boundary: (a) 
before indentation, (b) at 21 nm penetration depth, showing dislocation emission beneath the indenter, 
(c) at 46 nm penetration depth, showing dislocation pile-up at the grain boundary, and (d) at 84 nm 
penetration depth, demonstrating dislocation emission on the far side of the grain boundary. 
3.3.1. At low-angle grain boundary 
Fig. 7 includes a series of video frames from the in situ TEM nanoindentation of the low-
angle grain boundary. The grains on either side of the boundary have the same '[111]  α zone 
axis and the boundary is identified as a lath boundary. Fig. 7(a) shows the diamond indenter 
prior to indentation, as it approached the surface from the upper-right corner of the figure. 
The grain boundary is indicated by arrow-heads. As the indenter penetrated into the grain, 
Fig. 7(b), the deformation was accommodated by the motion of dislocations away from the 
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indenter contact point toward the grain boundary. The low-angle boundary offered some 
resistance to the dislocation motion, resulting in a pileup at the grain boundary, shown in Fig. 
7(c) (a frame taken at an indenter penetration depth of 46 nm). As the indenter penetrated 
further, a large number of dislocations were emitted on the far side from the indenter tip (left 
and lower side on the micrograph) of the grain boundary into the adjacent grain. A dense and 
tangled dislocation structure is seen on the far side of the grain boundary in Fig. 7(d), which 
was taken at an 84 nm penetration depth. When the indenter was withdrawn, a high density 
of dislocations was retained near the far side of the boundary. 
3.3.2. At high-angle grain boundary (block boundary) 
The dislocation interactions with the high-angle grain boundary (block boundary) were 
dramatically different, as documented in Fig. 8. The misorientation across the grain boundary 
was determined to be about 56o, with a rotation axis near [0.16, 0.64, 0.76]. Figure 8(a) shows 
the initial state before indentation, with the high-angle grain boundary indicated by arrow-
heads. During the early stages of the indentation dislocations can be seen to sweep across the 
grain from right to left, shown part-way in Fig. 8(b). Note that the pre-existing dislocations in 
the left area of the indented grain are not seen in the Fig. 8(b) any more, while they are clearly 
shown in the Fig. 8(a). This could be due to a change of diffraction condition into an invisible 
condition of the dislocations because of the deformation of the sample. At approximately 60 
nm penetration depth, a dense cloud of dislocations reached the high-angle boundary.  
 
Figure 8. In situ TEM micrographs of the Fe–0.4C martensite, including a high-angle grain boundary: (a) 
before indentation, (b) at 70 nm penetration depth, showing dislocations sweeping across the grain from 
right to left, (c) at 83 nm penetration depth, showing disappearance of dislocation at the grain boundary, 
and (d) at 92 nm penetration depth, demonstrating no dislocation emission on the grain boundary.  
 
Nanoindentation in Materials Science 118 
However, as shown in Fig. 8(c), on reaching the boundary, the dislocations simply 
disappeared; there is no indication of a pileup or significant penetration into the adjacent 
grain. In fact, as illustrated in Fig. 8(d), there is virtually no change in the dislocation 
configuration on the far side of the boundary. The grain beyond the boundary is essentially 
unaffected. The behavior of the dislocation “sink” at the high angle grain boundary is 
illustrated in more detail in Fig. 9, which presents a sequence of images recorded between 
those in Figs. 8(c) and 8(d). The earliest image, Fig. 9(a), shows a high density of dislocations 
on both sides of the grain boundary. Many of the dislocations on the right side of the grain 
boundary are moving from right to left in the indented grain as illustrated in Fig. 8.  
The video frames shown in Figs. 9(b)-(d) correspond to increasing penetration depth. As can 
be seen in these three frames, the dislocations on the right side of the grain boundary 
vanished at the boundary, while the dislocations on the left side of the grain boundary were 
essentially unchanged in number, density, or position during the deformation. The stable 
contrast in these images show that the diffraction condition in the vicinity of the grain 
boundary was the same throughout the deformation sequence shown, so the behavior 
observed was not a result of bending in the foil. This sequence demonstrates that the 
dislocations that approached the boundary were almost completely absorbed by it.  
 
Figure 9. In situ TEM micrographs of the Fe–0.4C martensite showing details of the “sink” of 
dislocations at the high-angle grain boundary. Frames (a–d) correspond to a sequence between Figs. 8(c) 
and 8(d). Penetration depth increases from (a) to (d). 
3.4. Conclusions 
High purity Fe-C as-quenched martensitic steels, four bcc single crystals and an Fe-23Ni lath 
martensitic steel were investigated using the nanoindentation technique. In the penetration 
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depth range shallower than 60 nm, the indent size is a few times larger than the lath width 
and smaller than the block size, hence the nanohardness in this scale corresponds to the 
block matrix strength. The ratio of the nanohardness to the micro Vickers hardness (Hn/Hv) 
is much smaller for the Fe-C martensite than those of the single crystals, indicating a 
significant effect of grain size on the macro strength of the Fe-C martensite. 
Dislocation–interface interactions in Fe–0.4C tempered martensitic steel were studied 
through in situ nanoindentation in a TEM. Two types of boundaries were imaged in the 
dislocated martensitic structure: a low-angle (probable) lath boundary and a coherent, high-
angle (probable) block boundary. In the case of a low-angle grain boundary, the dislocations 
induced by the indenter piled up against the boundary. As the indenter penetrated further, 
a critical stress appeared to have been reached, and a high density of dislocations was 
suddenly emitted on the far side of the grain boundary into the adjacent grain. In the case of 
the high-angle grain boundary, the numerous dislocations that were produced by the 
indentation were simply absorbed into the boundary, with no indication of pileup or the 
transmission of strain. This surprising observation is associated with the basis of the 
crystallography of the block boundary [3]. 
3.5. Some other related researches  
The temper softening behavior of Fe–C binary martensite with various carbon contents [24, 26] 
was also considered by evaluating the matrix strength through nanoindentation. The 
tempering temperature dependence of conventional micro-Vickers hardness shows a 
‘‘hump’’ around 673 K, while the matrix strength obtained by nanoindentation simply 
decreases with tempering temperature. This is connected with the microstructure change as 
discussed in detail in Ref.[27]. Furthermore, the mechanical characterizations using 
nanoindentation technique were performed for the martensitic steel used as practical dies 
steel [28] containing carbide-former elements of Cr, Mo, W, and V, which are responsible for 
secondary hardening by tempering. The nanohardness corresponding to the matrix strength 
shows obvious secondary hardening, and the hardening-peak temperature coincides with 
that of the macroscale hardness. The results suggest that the secondary hardening of the dies 
steel during tempering is attributed not only to the nanoscale strengthening factors such as 
precipitation hardening by the alloy carbides, but also to some other factors in larger scale. 
One of the strengthening factors is a decomposition of retained austenite to much harder 
phases, such as martensite and/or ferrite–cementite constituent.  
4. Nanoindentation on Fe-Ni lenticular martensite 
4.1. Microstructures of Fe-Ni lenticular martensite 
A Fe-33 wt% Ni alloy (shorted for Fe-33Ni) was used in the study. The full austenite phase 
sample used for comparison is named as RT-austenite sample ‘A0’. Transformed lenticular 
martensite with a straight martensite/austenite (M/A) interface formed by cooling austenite 
sample ‘A0” in liquid nitrogen (77K) is referred to as sample ‘M1’, which contains the 
transformed lenticular martensite phase and the retained austenite phase. The substructures of 
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the lenticular martensite are shown by TEM micrographs from Fig. 10(a) ~ (d). As shown in 
Fig. 10(a), the midrib region is completely twinned with a twinning system of M(112)[111]
− −
. In 
the twinned region (Fig. 10(b)), a small amount of transformation twins exist concurrently with 
a set of screw dislocations. The Burgers vector ( M/ 2[111]b a
→ −−
= ) is parallel to the twinning 
shear direction as indicated by the arrow. The structure in the untwinned region contains 
several sets of screw dislocations near the twinned region or the curved and tangled 
dislocations (marked by the circles in Fig. 10(c)) in addition to the straight dislocations 
(marked by the dashed lines in Fig. 10(c)) near the M/A interface. As shown in Fig. 10(d), the 
surrounding austenite phase close to the M/A interface also contains a high density of tangled 
dislocations. These dislocations are probably introduced into the austenite to accommodate the 
transformation strain and might be inherited during the growth of the lenticular martensite [15]. 
The dislocation density in the residual austenite decreases with increasing distance away from 
the M/A interface. In a word, the substructure of the lenticular martensite gradually transited 
from fully twinned in the midrib to dislocation structure in the untwinned region.  
 
Figure 10. TEM micrographs of the substructure in the lenticular martensite, (a) midrib region,  
(b) twinned region, (c) untwinned region near the M/A interface and  
(d) austenite near the M/A interface.  
4.2. Results and discussions 
Fig. 11(a) is the AFM image after the nanoindentation test. The midrib in the center and the 
surrounding twinned region of the lenticular martensite plate can be recognized easily by the 
dark color. The average nanohardness values of Fe-33Ni sample M1, RT-austenite sample A0 
and the Fe-23Ni sample are shown in Fig. 11(b). The nanohardness value of the midrib region, 
5.22 ± 0.19 GPa, is higher than that of the other regions in the same martensite plate. A drop in 
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nanohardness can be observed from the midrib in the martensite phase to the austenite phase 
near the M/A interface. The fine twin (the midrib region) shows about a 20% higher resistance 
to deformation than the dislocated regions (untwined region) in the lenticular martensite (Fe-
33Ni alloy) or the lath martensite (Fe-23Ni alloy). It is speculated that the dislocation motion 
was blocked by the twin boundaries and thus led to strengthening. However, this higher 
strength in the midrib region cannot be revealed by the conventional micro-Vickers hardness 
test since the contribution of the fine twinned region to the strength in the lenticular martensite 
is limited by its small volume fraction. The lath martensite of the Fe-23Ni alloy (dislocated) has 
an average nanohardness value smaller than that of the midrib region (fully twinned) and 
larger than that of the untwinned region (dislocated) in the Fe-33Ni lenticular martensite 
sample M1. The difference in chemical compositions of both alloys might affect their hardness 
as well, but the influence should be small compared with the difference in the substructure [7, 
29]. For both dislocated substructures, the lath martensite had higher dislocation densities (8.5 ~ 
12.4 ×1014 m-2) in the Fe-23Ni alloy [8] than that of the untwined region (4.7 ~ 9.1 ×1014 m-2) in the 
Fe-33Ni [30] lenticular martensite. The nanohardness of the austenite phase near the M/A 
interface is slightly higher than that of the austenite far from the M/A interface. The dislocation 
density decreases as the distance from the M/A interface increases and causes a decrease in the 
nanohardness of the austenite phase. 
 
Figure 11. (a) the AFM image after the nanoindentation test and (b) nanohardness values of the 
transformed martensite sample M1 at various positions, RT-austenite sample A0, and the lath 
martensite of a Fe-23Ni alloy. 
 
Figure 12. Typical load–depth curves of the transformed martensite sample M1 and RT-austenite 
sample A0 (a) and a magnified view under ultra-low loads (b); (c) is the average critical load in the 
various substructures. 
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The typical load-depth curves of the lenticular martensite sample M1 and RT-austenite 
sample A0 are shown in Fig. 12(a). According to the earlier reports, the initial stage of 
loading is of a purely elastic nature and can be described by the Hertz contact theory [31, 32]:  
  1/2 3/2
4
,
3 r
P E R h=   (3) 
where P is the applied load, R is the indenter tip radius, h is the displacement/depth, and rE  is 
the reduced modulus. As shown in Fig. 12(a), the initial portion of the load-depth curve fits the 
Hertz contact theory well by putting the values of the reduced modulus Er (173±18 GPa) and the 
tip radius (R = 200 nm) into the equation (3). When the applied load is higher than about 40 µN, 
the curves begin to deviate from the Hertz fit, which marks the onset of plastic deformation.  
Fig. 12(b) is a magnified view of Fig. 12(a) in the load range below 200 µN, showing the initial 
stage of the indentation-induced deformation. The load-depth curves of the RT-austenite 
sample A0 shows a strain burst in the loading curve, which is called a pop-in event. The load 
where the pop-in event sets in is defined as a critical load Pc. The pop-in behavior has been 
reported to be associated with a nucleation and propagation of dislocations under an initial 
elastic strain field or a defect-free region in the metals [24, 33-35]. The obvious pop-in behavior in 
the sample A0 is consistent with the property where the untransformed RT-austenite phase 
has a lower dislocation density than that of the transformed martensite phase. The critical 
stress of the pop-in event can be estimated as 7.3 GPa through the Hertz contact theory where 
the maximum shear stress maxτ
[36] beneath the indenter can be given as: 
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  (4) 
which is in an order of an ideal strength. For the transformed martensite sample M1 which 
contains a high density of defects (twins or dislocations), the load-depth curves do not show 
a pop-in event but undergo an apparent slope change which marks the onset of plastic 
deformation. The changing point of the load is also defined as critical load Pc for easy 
comparison, as indicated by the arrows in Fig. 12(b). The average Pc at different regions of 
the samples M1 and A0 are shown in Fig. 12(c). In the transformed martensite sample M1, 
the critical load of the midrib region is higher than that of the other regions but lower than 
that of the RT-austenite sample A0.  
Note that the strain rates vary when the plasticity initiation occurs. A classic model based on 
the dislocation theory expresses a strain rate γ  as 
 ,bγ ρ υ= ⋅ ⋅  (5) 
where ρ  is the mobile dislocation density, b is the magnitude of the Burgers vector and υ  is 
the average dislocation velocity. The difference in the critical load and the strain rate is 
associated with the different plastic deformation behaviors in the various substructures and 
will be discussed by the interaction between the pre-existing lattice defects (twin or 
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dislocation structure) and the newly formed dislocations during the indentation process. In 
the RT-austenite sample A0, the density of pre-existing dislocations is very low, thus the 
probability of a mobile dislocation existing underneath the indenter is also significantly low. 
Therefore, the stress required for the nucleation of dislocations in the defect free region is 
high, which is close to the ideal strength and results in the highest critical load Pc as shown in 
Fig. 12(c). After the initiation of plastic deformation, the strain rate in the RT-austenite phase 
is quite high; this is understood by the remarkable strain burst as the obvious pop-in event. 
Once the plastic deformation is initiated and a dislocation source is activated, many mobile 
dislocations become present in the stress field producing a high ρ value. Additionally, the υ
could also be high since the density of pre-existing dislocations as obstacles for the 
dislocation movement is significantly low. After the pop-in event, plastic deformation 
expands far from the initiation point and the low density of pre-existing dislocations also 
causes a lower flow stress in a further deformation stage resulting in a relatively low 
nanohardness in the RT-austenite sample A0. This result indicates that high flow stress is not 
necessarily obtained in a microstructure with high critical stress for plasticity initiation. 
In the regions with high dislocation densities, deformation underneath the indenter could be 
initiated at much lower loads since the stresses required for the motion of pre-existing 
dislocations are much lower than the stress required for the nucleation of dislocations [37]. 
This is an appropriate reason for the much lower critical loads in the dislocated structure of 
the martensite phase in the sample M1. After the initiation of plastic deformation, moving 
dislocations interact with other pre-existing dislocations; hence the average dislocation 
velocityυ  is significantly low. Therefore, the strain rate γ is also very low and a higher 
applied stress is necessary for further deformation. This does not result in a pop-in behavior, 
causing only a change in the slope of loading curve, and inevitably leads to higher 
nanohardness in the dislocated regions than that of the RT-austenite sample A0.  
In the midrib region, the existing twins may act as a stress concentrated site at the 
subsurface for the nucleation of dislocations, even though there are only a few pre-existing 
dislocations, and produce a relatively lower critical load than that of the defect-free RT-
austenite sample A0. On the other hand, the twin structure could act as an obstacle to the 
dislocation motion like that of the pre-existing dislocations, and lead to the same 
deformation behavior as that of the dislocated regions. Furthermore, the very fine twin 
structure in the midrib region causes a much higher flow stress and higher nanohardness 
than that of any other regions and phases. The mixed structure of twin and dislocation in 
the twinned region has a critical load Pc between the midrib and untwinned region.  
4.3. Conclusions 
Nanoindentation tests were conducted on the lenticular martensite of a Fe–33Ni alloy to 
reveal the deformation behavior of each component with different lattice defects. A 
continuous drop in nanohardness from the midrib in the martensite phase to the austenite 
phase was observed in the transformed martensite sample M1. The nanohardness value of 
the midrib region was about 20% higher than that of the other regions; however, its 
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contribution to the macroscopic strength was small due to its limited volume fraction. 
Plasticity initiation and subsequent deformation behavior depended on the microstructures. 
In the RT-austenite sample A0, the low density of pre-existing dislocation caused a high 
critical load of plasticity initiation and a low flow stress. In contrast, plasticity initiation 
occurred rather easily in highly dislocated regions such as the untwinned region and the 
austenite phase near the M/A interface in the sample M1; however, the subsequent flow 
stresses were higher than that of the defect-free RT-austenite sample A0. The very fine twin 
structure in the midrib region in the sample M1 had two roles: one was to assist the 
plasticity initiation as a stress concentrated site and the other was to act as a strong obstacle 
to the dislocation motions. 
5. Nanoindentation test on surface mechanical attrition treated  
NiTi shape memory alloy 
5.1. Results and discussions 
The NiTi samples were subjected to SMAT at room temperature using bearing steel balls 
with a diameter of 5 mm for 5 and 60 min (hereafter denoted SMAT-5 and SMAT-60, 
respectively). NiTi samples before SMAT contained a coarse grained austenite (B2) phase at 
room temperature. After SMAT near equiaxial B2 nanograins were produced on the surface. 
Variations in grain size (d) with respect to the distance from the SMAT surface (D) for the 
SMAT-5 and SMAT-60 samples are shown in Fig. 13(a). For both samples grain size d 
decreased gradually with decreasing distance D, whereas the SMAT-5 sample had a larger d 
at the same D. Fig. 13(b) shows typical force-indentation depth curves at different D for 
SMAT-60. Significant differences in those curves are clearly visible. 
 
Figure 13. (a) Variation in grain size with distance from the surface for SMAT samples. (b) Typical 
force–indentation depth curves at different distance D for SMAT-60 as indicated. Definition of the 
bifurcating force Fb, hc and hf are indicated. 
Fig. 14(a) demonstrates the determined values of Young’s moduli E as a function of D for a 
large number of measurements in different regions of the two samples. For the SMAT-60 
sample a remarkable increase in E with decreasing D was obtained. E increased from about 
60 GPa at 40 µm to 85 GPa at 2 µm distance. For the SMAT-5 sample the increase in E was 
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less remarkable. E increased from about 60 GPa at 30 µm to about 70 GPa at 2 µm distance. 
Using the measured grain size, E was plotted against d for the two samples, as shown in Fig. 
14(b). An obvious dependence of E on d can be seen in Fig. 14(b). E increased dramatically 
with decreasing d for d less than 100 nm. For comparison, the Young’s modulus of 
amorphous NiTi was also measured and is in agreement with the reported value (~93 GPa) 
[38]. The Young’s modulus of NiTi, as measured by the rectangular parallelepiped resonance 
(RPR) method [39], is also included in Fig. 14(b). The maximum Young’s modulus obtained 
for the present NiTi sample (~85 GPa for d ~ 6 nm) is close to that measured by RPR and that 
of amorphous NiTi, and is higher than that of partially amorphous NiTi (71 GPa) [40].  
 
Figure 14. (a) Calculated Young’s modulus as a function of distance from the surface. Dashed lines are 
guides for the eye. (b) Calculated Young’s modulus as a function of grain size. The Young’s moduli of 
NiTi determined by the RPR method and that of amorphous NiTi are also indicated. 
 
Figure 15. (a) Relationship between the bifurcating force (Fb) and Young’s modulus. (b) Indentation 
recovery ratio as a function of distance from the surface. 
The remarkable dependence of E on d was somewhat unexpected, because grain size has 
usually been believed to have little effect on the Young’s modulus of nanocrystalline 
materials. It should be noted that residual stress may have an effect on the Young’s 
modulus, typically a change of <1% for a compressive stress of 100 MPa [41], which is, 
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however, rather small compared with the large enhancement of Young’s modulus (~40%) in 
the present study. Moreover, it was found that the compressive stress in SMAT samples 
increased with increasing D, with a maximum in the subsurface instead of the top surface 
[42]. Obviously, the effect of residual stress can be excluded. Actually, no change in Young’s 
modulus has ever been reported in previous SMAT samples [43]. Therefore, the observed 
dependence of E on d should be related to the unique properties of NiTi. It is speculated that 
the transformation stress for the SIM increases with decreasing grain size for nanograins. 
Thus, the measured dependence of E on d is related to the grain size effect on the SIM in 
nanocrystalline NiTi, i.e. suppression of the SIM leads to the increase in E with decreasing d. 
As indicated in Fig. 13, the bifurcating force (Fb) is defined as the point where the 
indentation loading curve starts to deviate from the purely elastic curve determined by 
Hertz contact theory. The bifurcating force is related to the transformation stress, i.e. a 
higher transformation stress leads to a higher bifurcating force, and vice versa. As shown in 
Fig. 15(a), a higher Young’s modulus corresponds to a higher bifurcating force and, hence, a 
higher transformation stress. This clearly indicates that the increase in Young’s modulus is 
related to suppression of the SIM with the reduction of grain size. Indentation depth 
recovery is also a strong indication of the SIM effect. The recovery ratio (δ) was introduced 
as a measure of the recovery due to the SIM and is defined as [44]: 
 c f
c
,
h h
h
δ −=   (6) 
Definitions of hc and hf are indicated in Fig. 13(b). Suppression of the SIM can be 
demonstrated quantitatively by plotting δ against D. As shown in Fig. 15(b), δ decreased 
with decreasing D, indicating less recovery due to less SIM for smaller D and d. Thus, the 
measured dependence of E on d is related to the grain size effect on the SIM in 
nanocrystalline NiTi, i.e. suppression of the SIM leads to the increase in E with decreasing d. 
The highest value of E for a d of ~6 nm was close to the intrinsic value of crystalline and 
amorphous NiTi, although, as indicated in Fig. 14(b), the SIM may not be completely 
suppressed for a d of ~6 nm. By further extrapolation of the E–d relationship to a d of 0 nm, a 
value of E equal to 90 GPa is derived, which can be considered the intrinsic value for NiTi 
by complete suppression of the SIM in this study. This value was used for Hertz fitting in 
Fig. 13, and a good fit of the initial part of the loading curve was obtained.  
5.2. Conclusions 
In summary, a nanocrystalline surface layer with a graded grain size distribution was 
produced on NiTi by SMAT. The apparent Young’s modulus, as measured by 
nanoindentation, was found to increase dramatically with decreasing D and d, and reached 
~85 GPa for d ~ 6 nm. Such dependence of E on d can be attributed to the suppression of the 
SIM in nanocrystalline NiTi. The present study has provided unambiguous experimental 
evidence indicating that the Young’s modulus of NiTi can be underestimated due to the 
SIM, and by suppression of SIM in nanocrystalline NiTi an enhanced Young’s modulus can 
be obtained, approaching the intrinsic value for NiTi. 
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5.3. Some other related researches 
Furthermore, nanoindentation was conducted in a Fe–28Mn–6Si–5Cr alloy [45] to investigate 
the stress-induced ε-martensitic transformation behavior and the shape memory effect. The 
shape memory effect of Fe–Mn-based alloys is derived from the stress-induced ε-martensitic 
transformation (face-centered cubic (fcc) to hexagonal close packed (hcp)) [46]. Since the pre-
strains required for shape memory are 2–6% [47], an understanding of the initial deformation 
behavior, including the ε-martensitic transformation, is extremely important for any 
investigation of the shape memory effect. The ε-martensitic transformation has a number of 
distinctive characteristics, including low critical stress [48], remarkable crystallographic 
orientation dependence [49], specific surface relief, and reversibility. However, the analyses 
essential for determining the characteristics of shape memory alloys (SMAs) are difficult due 
to the existence of grain boundaries, twin boundaries and thermally induced ε-martensite. A 
nanoindentation test is useful for investigating the initial deformation behavior since the test 
can be performed on several positions over a limited area and enables the load–
displacement behavior of the entire process to be observed. The indentation of austenite has 
been reported to create high stresses under diamond indenters that can cause stress-induced 
martensitic transformation in Fe–0.08C–0.5Si–1Al–7Mn (wt.%) [50]. Additionally, the 
combination of nanoindentation with AFM makes it possible to observe indentation-
induced surface relief in the CuAlNi SMA [51] and to evaluate shape memory effects in the 
NiTi SMA [52]. Hence, the nanoindentation test appears to be suitable for evaluating the ε-
martensitic transformation behavior in a specific orientation of a bulk material based on a 
careful study of the above-mentioned characteristics of the ε-martensitic transformation. 
Nanoindentation tests and AFM observations were performed in a Fe–28Mn–6Si–5Cr alloy 
[45] to investigate the stress-induced ε-martensitic transformation behavior and the shape 
memory effect. The shape memory effect was evaluated from the volume change in an 
indent mark caused by annealing measured by atomic force microscopy. Using the load–
displacement (P–h) data obtained from nanoindentation, the plot of P/h vs. h showed two 
types of slopes, corresponding to the ε-martensitic transformation and slip deformation, and 
exhibited a correlation with the shape recovery ratio. 
6. Chapter summary 
As mentioned above, nanoindentation technique has been used in martensitic structures to 
fulfill various missions. Such as nanohardness test and Young’s modulus measurement 
which can measure the mechanical properties of a precise site in a microstructure with 
accuracy within a nanometer. But its capability is not limited to this simple usage. By 
correlating the microstructure change with the load-depth curve, the underlying mechanism 
can be revealed. And it is definitely will be used more widely in the future. 
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